Recent experiments have shown that multiple-element alloys with nanoscale precipitates could effectively circumvent the well-known strength--ductility dilemma and achieve ultrahigh strength and large ductility ([@r1][@r2][@r3][@r4][@r5][@r6][@r7]--[@r8]). As nanoscale precipitates are thought to primarily act as obstacles to dislocation glide ([@r9], [@r10]), how they help achieve high strength without sacrificing ductility remains a puzzle. Obstacles to dislocation glide typically strengthen materials ([@r9], [@r10]) but are not necessarily beneficial to ductility. The development of dislocation pile-up in front of an obstacle often gives rise to stress concentrations and microcracking at high stress levels ([@r11]), and contributes to the long-standing strength--ductility conflict in engineering materials ([@r12]).

Among various strategies to overcome the conflict between strength and ductility in crystalline metals, the dominant one is to tune and manipulate dislocation activity ([@r9], [@r10]). Introducing gradient structures ([@r13]) and dual phase ([@r14][@r15]--[@r16]) are some of the strategies that have been utilized to enhance both strength and ductility. While precipitate hardening has been well established and widely employed in systems like aged Al--Cu alloys, Ni-based superalloys and maraging steels ([@r17][@r18]--[@r19]), it has also been recognized that misfitting particles can generate dislocations in a ductile matrix ([@r20], [@r21]). Experiments suggest stronger and more complex precipitate--dislocation interactions in materials with nanoscale precipitates ([@r1], [@r22], [@r23]) as well as dislocation nucleation at nanointerfaces ([@r24][@r25][@r26]--[@r27]). Motivated by the observed superior strength--ductility performance in alloys with nanoprecipitates ([@r1][@r2][@r3][@r4][@r5][@r6][@r7]--[@r8]) and dislocation nucleation from nanointerfaces ([@r24][@r25][@r26]--[@r27]), here we propose yet another strategy to achieve superb strength--ductility combination in alloys with densely dispersed nanoprecipitates which simultaneously serve as dislocation sources and obstacles, leading to a sustainable and self-hardening deformation mechanism for enhanced ductility and high strength. We show via atomistic simulations that nanoprecipitates are a unique type of sustainable dislocation sources at high stress.

Atomistic simulations were performed to investigate dislocation activities around a nanoscale precipitate in a crystallite matrix. The simulation materials and methods are detailed in [*Materials and Methods*](#s1){ref-type="sec"}. In [Fig. 1 *A* and *B*](#fig01){ref-type="fig"}, we show, respectively, the evolution of shear stress, shear strain, and both potential and kinetic energies as a function of time when the precipitate--matrix system shown in [Fig. 1*C*](#fig01){ref-type="fig"} is subject to a shear strain. As seen in [Fig. 1*A*](#fig01){ref-type="fig"}, we first increased the strain at a constant rate until the first dislocation nucleation event, and then held the applied strain constant ($\varepsilon_{yz}$ = 5.6%). A slight stress drop is identified as a result of plastic deformation by dislocation nucleation and glide. Here only the resolved shear stress that contributes to dislocation motion is considered. In [Fig. 1*B*](#fig01){ref-type="fig"}, we see that several more dislocations are generated at constant $\varepsilon_{yz}$ before the source is deactivated. The potential energy decreases due to dislocation-induced plasticity, while the kinetic energy increases as a consequence of plastic dissipation. Even after the stress is relaxed to a level which is insufficient to nucleate new dislocations, both the potential energy and stress continue to decrease due to the motion and interaction of existing dislocations, as seen in the dashed lines in [Fig. 1 *A* and *B*](#fig01){ref-type="fig"}. The source can be repeatedly reactivated by increasing strain and stress to a sufficiently high level, and each subsequent activation requires increasingly higher stress, as shown in the solid black line in [Fig. 1*A*](#fig01){ref-type="fig"}. This behavior is referred to as self-hardening. In [Fig. 1 *C*--*H*](#fig01){ref-type="fig"}, we show the detailed atomic structure. A two-dimensional (2D) sample with a Au precipitate in an otherwise perfect face-centered cubic (FCC) crystal of Cu is shown in [Fig. 1*C*](#fig01){ref-type="fig"}. Due to the lattice mismatch between the precipitate and matrix, a local stress concentration arises and at a certain critical applied shear stress, dislocation pairs begin to nucleate and glide on the $\left\lbrack 111 \right\rbrack$ plane ([Fig. 1 *D*--*H*](#fig01){ref-type="fig"}). The atomic velocity fields induced by the moving dislocations are shown for clarity. The respective stress and energy corresponding to each nucleation event shown in [Fig. 1 *D*--*H*](#fig01){ref-type="fig"} are indicated by the black circles in [Fig. 1 *A* and *B*](#fig01){ref-type="fig"}.

![Nucleation of screw dislocations at a nanoprecipitate. (*A*) The resolved shear stress $\left( \sigma_{RSS} \right)$/applied strain $\left( \varepsilon_{yz} \right)$--time curve. Each initial nucleation is indicated by the red circles, and dislocation nucleation events shown in *D*--*H* are keyed in black. (*B*) Potential-energy and kinetic-energy profiles during dislocation nucleation in response to shearing, where the black circles correspond to *D*--*H*. (*C*) The precipitate arrangement and the coordinate, where Cu atoms are shown in white and Au in blue; (*D*--*H*) Atomic velocity contours at stress or energy states indicated in *A* and *B*; The detailed atomic structures circled in *D* and *E* are also shown, with atoms colored by common neighbor analysis values. (Scale bar, 8 nm.)](pnas.1914615117fig01){#fig01}

The nucleated screw dislocations are formed at the junction of the nanoprecipitate and matrix in response to the applied shear strain $\varepsilon_{yz}$. The nucleated dislocations soon become supersonic and move above the shear wave speeds ([@r28]), as can be clearly seen from the Mach cones in the atomic velocity contour in [Fig. 1*E*](#fig01){ref-type="fig"}. The detailed atomic structures during dislocation nucleation are presented at the bottom of [Fig. 1 *D* and *E*](#fig01){ref-type="fig"}.

The structural change accompanied by the nucleation processes is detailed in [Fig. 2](#fig02){ref-type="fig"}. The formation of leading partials at the two ends of the nanoprecipitate is shown in [Fig. 2*A*](#fig02){ref-type="fig"}. The extension of the leading partials gives rise to a wide stacking fault followed by a trailing partial ([Fig. 2*B*](#fig02){ref-type="fig"}). The leading partial-stacking fault--trailing partial structure of a full screw dislocation is then compressed ([Fig. 2 *C*--*E*](#fig02){ref-type="fig"}) as the dislocation moves at a supershear speed ([@r28]). After the dislocation moves away from the precipitate for some distance, another leading partial emerges from the nanoprecipitate and the nucleation process repeats ([Fig. 2*F*](#fig02){ref-type="fig"}). Repeated dislocation nucleation can be seen when the applied strain exceeds a critical level ([Fig. 1 *A* and *B*](#fig01){ref-type="fig"}), and these dislocation activities lead to a slight stress relaxation. The dynamics of dislocation nucleation is presented as a movie in [Movie S1](https://www.pnas.org/lookup/suppl/doi:10.1073/pnas.1914615117/-/DCSupplemental).

![The atomic and structural information of full screw dislocations nucleated from a nanoprecipitate. The $x$ axis is normalized by the unit Burgers vector $b$. (*A*--*F*) The atomic information of the dislocation cores: (*A*) Initial nucleation with the formation of two leading partials at the two ends of the nanoprecipitate, and we track dislocations nucleated at the right end of the precipitate; (*B*) Extension of the nucleated leading partial to form stack faults; (*C*) Nucleation of a trailing partial to form a full screw dislocation at one end. (*D* and *E*) The compressed core of the full screw. (*F*) Another nucleation event from the nanoprecipitate. There can be multiple nucleations even though the applied strain is held constant. (*G*--*L*) The corresponding displacement mismatch of the nucleation core at different snapshots in accordance with *A*--*F*.](pnas.1914615117fig02){#fig02}

Following Peierls and Nabarro ([@r29], [@r30]), the displacement mismatch between neighboring layers characterizes the atomic feature of a dislocation core. A mismatch function $\phi$ is defined as $\phi = {u/b}$, where $b$ is the magnitude of a unit Burgers vector (for FCC crystal, $\mathbf{b} = \frac{a}{2}\left\langle 110 \right\rangle$ with lattice parameter $a$), $u$ is the mismatch displacement, $u = u_{z}$ for screw dislocations, and $u = u_{x}$ for the edge dislocations. We show in [Fig. 2 *G*--*L*](#fig02){ref-type="fig"} the dislocation structures corresponding to different snapshots shown in [Fig. 2 *A*--*F*](#fig02){ref-type="fig"}. As both ends of the precipitate emit dislocations, we focus on the nucleation process at the right end (along the *x* axis). A generated full screw dislocation is composed of a leading partial and a trailing partial, the Burgers vectors of both having a screw component $b_{s}$ and an edge component $b_{e}$, with magnitudes $b_{e} = {b/\sqrt{12}}$ and $b_{s} = {b/2}$.

Depending on the applied stress, the nucleated dislocation could be of the edge type as well. We demonstrate that under shear strain $\varepsilon_{xz}$, edge dislocation pairs are nucleated under sufficiently large deformation, as shown in [*SI Appendix*, Fig. S1](https://www.pnas.org/lookup/suppl/doi:10.1073/pnas.1914615117/-/DCSupplemental). Usually, higher critical stress is required for edge dislocation nucleation due to its greater energy barrier. For precipitates containing the same number of atoms, their shape can also play an important role in determining the critical stress for dislocation nucleation, which is demonstrated in detail in [*SI Appendix*, Fig. S2](https://www.pnas.org/lookup/suppl/doi:10.1073/pnas.1914615117/-/DCSupplemental).

Dislocation nucleation is robustly seen even for subnanometer-sized precipitates. Such dislocation source could be of great interest as a complementary mechanism for plasticity in high-strength alloys with nanoscale hard phases or heterogeneities ([@r8], [@r16], [@r23], [@r31], [@r32]), which seem to be an intrinsic feature of many alloy systems, in particular the emerging multielement alloys ([@r33], [@r34]). We consider a precipitate of 8 × 8 × 2 layers of Au embedded in an otherwise perfect FCC Cu crystal, as shown in [Fig. 3*A*](#fig03){ref-type="fig"}. We apply a gradually increasing shear strain $\varepsilon_{yz}$ to the sample until the first nucleation event and then keep $\varepsilon_{yz}$ constant afterward. The corresponding stress--time curve is shown in [Fig. 3*B*](#fig03){ref-type="fig"}. In [Fig. 3 *C*--*H*](#fig03){ref-type="fig"}, we present the configurations of dislocation loops nucleated from the precipitates keyed in [Fig. 3*B*](#fig03){ref-type="fig"}. Only atoms in the dislocation core are shown according to a color mapping based on their distance to the precipitate, with red ones close to but blue ones far away from the precipitate center. Typically, a leading partial with stacking fault is generated first and followed by a trailing partial. The velocity and shape of a dislocation line are dependent on crystallographic directions; see [*SI Appendix*, Figs.S3 and S4](https://www.pnas.org/lookup/suppl/doi:10.1073/pnas.1914615117/-/DCSupplemental). Dislocations are repeatedly nucleated after a critical strain is reached, accompanied with slight stress relaxation due to dislocation gliding-induced plasticity, as can be seen in the dynamic process shown in [Movie S2](https://www.pnas.org/lookup/suppl/doi:10.1073/pnas.1914615117/-/DCSupplemental).

![Nucleation of dislocation loops at a subnanometer-sized precipitate. (*A*) The structure of the precipitate, with Cu atoms shown in white and Au in blue; (*B*) stress vs. time. Here we applied a constant shearing rate until point d and then kept the applied strain constant; (*C*--*H*) The nucleation and extension of dislocation loops at states keyed in *B*. (Scale bar, 6 nm.)](pnas.1914615117fig03){#fig03}

The interfacial properties between the precipitate and matrix are affected by both the lattice misfit and the size of the precipitate. As the crystal structures of the two are the same and the precipitate is at nanoscale, the interface is rather strong and remains coherent after dislocation nucleation. Various simulations with different precipitate sizes are performed and similar results are observed. The strain when the first dislocation nucleates is precipitate-size dependent.

As nanoprecipitates could be an essential source of deformability for high-strength metals, the critical strain or stress level to attain nucleation is of interest. Based on the Peierls concept, Rice ([@r35]) proposed an energy criterion to analyze dislocation nucleation form a crack tip. Along this line, further analysis and simulation are performed here to predict the energy barrier for dislocation nucleation ([@r36][@r37][@r38]--[@r39]).

The lattice mismatch between the matrix and precipitate gives rise to a stress concentration, and hence lowers the barrier for dislocation nucleation. We explore the distortion energy caused by the precipitate by calculating the potential-energy difference between crystals with and without an embedded precipitate. This is denoted as $\Delta E_{md}$ and obtained directly from the molecular-dynamics (MD) simulations. The nanoprecipitates lower the potential energy of the system, here measured as the difference $\Delta E_{md} = E_{0} - E_{p}$, where $E_{0}$ is the potential energy without any precipitate and $E_{p}$ with the precipitate. Alternatively, we may treat the lattice misfit between the precipitate and matrix as a continuous distribution of infinitesimal dislocations, with total Burgers vector equal to the overall lattice mismatch. As detailed in [*SI Appendix*](https://www.pnas.org/lookup/suppl/doi:10.1073/pnas.1914615117/-/DCSupplemental), the strain energy due to the precipitate can be written as$$\Delta E_{th} = \frac{Gb^{2}}{4\pi\left( {1 - \nu} \right)}\left\lbrack {\text{ln}\left( \frac{R}{L} \right) + \frac{1}{2}} \right\rbrack,$$where $b$ is the total Burgers vector of the smeared-out dislocations, $R$ is the radius of the finite domain surrounding the precipitate, and $L$ is the characteristic size of the precipitate. For a precipitate of $\left( {m,n,l} \right)$ layers in the respective crystallographic direction defined in [Fig. 3*A*](#fig03){ref-type="fig"}, the total misfit $b$ is $b = 2\left( {m + n} \right)\left( {a_{p} - a_{m}} \right)$, and $a_{p}$ and $a_{m}$ are the lattice constants of the precipitate and the matrix, respectively.

We combined our simulation results with different initial $\left( {m,n,l} \right)$ in [Fig. 4](#fig04){ref-type="fig"}. In [Fig. 4*A*](#fig04){ref-type="fig"} the potential-energy difference (normalized for convenience) from simulations are shown as red circles, and the strain energy from equivalent dislocations are shown in green. All energy terms are normalized by the strain energy of a rectangular precipitate of $m = 8,\, n = 8,\, l = 2$. We see a clear relation between the distortion energy and the critical strain when dislocation nucleation begins, as seen by the fitting black line in [Fig. 4*A*](#fig04){ref-type="fig"}. The energy follows a quadratic dependence on the applied strain as $\Delta E_{md} = G\left( {\varepsilon_{c} - \varepsilon} \right)^{2}V_{0}$, where $G = 46\,\text{GPa}$ is the shear modulus of Cu, $\varepsilon_{c} = 12\%$ is the elastic strain limit of the simulated Cu crystal, and $V_{0}$ is the activation volume for dislocation nucleation, ranging from $10b^{3}$ to $10^{4}b^{3}$ according to different dislocation mechanisms ([@r40]). Here we use $V_{0} = 10.2\,\text{nm}^{3} = 600b^{3}$. In [Fig. 4*B*](#fig04){ref-type="fig"}, we show the size dependence of the critical strain for dislocation nucleation, where the size of the nanoprecipitate is defined as the number of Au atoms. The dependence could be fitted by $NE_{a} = G\left( {\varepsilon_{c} - \varepsilon} \right)^{2}V_{0}$, with an average distortion energy density $E_{a} = 0.4\text{eV}$ for a precipitate atom and $N$ is the number of atoms in the precipitate. We recognize from [Fig. 4*B*](#fig04){ref-type="fig"} that larger precipitates require smaller strain to trigger dislocation nucleation, and the corresponding stress level is indeed comparable to that of recently reported high-strength metals with a large amount of nanoscale precipitates ([@r2]). In addition, simulations under $T = 300\,\text{K}$ show that a higher temperature causes a slightly greater critical strain, as seen from the blue circles in [Fig. 4](#fig04){ref-type="fig"}. It is pointed out that the strain of a small crystal can approach a very large value (nearly the theoretical elastic strain limit) ([@r41][@r42]--[@r43]), which justifies the use of nanoscale precipitates as effective dislocation sources.

![The dependence of critical strain to trigger dislocation nucleation. (*A*) Relation between critical strain and distortion energy caused by nanoprecipitates. Here red circles denote the change of potential energy from 3D simulations. (*B*) Precipitate size dependence of the critical strain.](pnas.1914615117fig04){#fig04}

For an alloys system with dense nanoprecipitates, we suggest two length scales which concurrently govern the strength and ductility of the material: the precipitate size $d$ and precipitate spacing $L$.

Using Eshelby's inclusion solution ([@r44]), we may express the distortion energy of a misfit precipitate as $\Delta E \propto G\left( \frac{a_{p} - a_{m}}{a_{m}} \right)^{2}d^{3}$, $d$ being the equivalent precipitate diameter. Hence, we have $\alpha G\left( \frac{a_{p} - a_{m}}{a_{m}} \right)^{2}d^{3} = \frac{\left( {\sigma_{c} - \sigma} \right)^{2}}{G}V_{0}$, where $\alpha$ is a nondimensional parameter associated with precipitate shape and material property and $\sigma_{c}$ the ideal strength. The stress to activate dislocation nucleation at a nanoprecipitate is then given as$$\sigma = \sigma_{c} - \beta G\left( \frac{d}{b} \right)^{3/2}.$$We show in [Fig. 5](#fig05){ref-type="fig"} the theory prediction (red curve) vs. experimental data for nanoprecipitate steels from literature ([@r1], [@r2], [@r5]) using $\beta = 6.0 \times 10^{- 5}$, and $\sigma_{c} = 2.2\,\text{GPa}$. The encouraging comparison between theory and experiments supports that nanoprecipitates play a key role in the superb strength--ductility combination of these materials. As nanoprecipitates facilitate dislocation nucleation at high stress, precipitate engineering may be particularly important for high-strength materials. For example, typical yield strength in maraging steels falls in the range of 1.0--2.0 GPa, where improved ductility was achieved ([@r1][@r2][@r3][@r4][@r5][@r6][@r7]--[@r8]) by aging treatment ([@r45][@r46]--[@r47]) with proper aging time, aging temperature, and precipitate fraction. In contrast, aged Al alloys and Ni-based superalloys do exhibit significant improvement in strength but so far lack reports on toughness enhancement.

![The relation between strength and precipitate diameter in steels and proposed design guideline. Experimental data are adopted from Jiang et al. ([@r2]) (point A), Sun et al. ([@r5]) (points B and C), and Raabe ([@r1]) (Point D). The red line is predicted using [Eq. **2**](#eq2){ref-type="disp-formula"}. The blue lines are predicted using [Eq. **3**](#eq3){ref-type="disp-formula"}, with $L = 11 \text{nm}$ for the dashed line, $L = 25 \text{nm}$ for the dash-dotted line, and $L = 100 \text{nm}$ for the solid line. The intersection points of blue lines and the red line indicate optimal precipitate sizes for strength--ductility combination.](pnas.1914615117fig05){#fig05}

On the other hand, the Orowan looping mechanism ([@r5]) for precipitate hardening predicts a strength increment $\Delta\sigma_{Or}$ as$$\Delta\sigma_{Or} = 0.4M\frac{Gb}{\pi\sqrt{1 - \nu}L}\text{ln}\left( \frac{\sqrt{2/3}d}{b} \right),$$where $M \approx 3$ is the Taylor factor, $\nu \approx 0.34$ is the Poisson ratio, and $L$ is the interparticle spacing. The overall yield strength is $\sigma = \sigma_{0} + \Delta\sigma_{Or}$, $\sigma_{0}$ being the value in the absence of Orowan strengthening. By substituting $L = 11\,\text{nm}$ ([@r2]), $L = 25\,\text{nm}$ ([@r5]),$L = 100\,\text{nm}$ ([@r1]) into [Eq. **3**](#eq3){ref-type="disp-formula"}, we obtain a relation between yield strength (with $\sigma_{0} \approx 850\,\text{MPa}$) and precipitate diameter as shown by the blue lines in [Fig. 5](#fig05){ref-type="fig"}.

Combining the Orowan strengthening effect and the softening effect from dislocation nucleation, one may obtain a preferred precipitate size at a given precipitate density (or a preferred precipitate density at a given precipitate size) that enhances the yield stress without the loss of ductility. The intersection point of blue lines and red line in [Fig. 5](#fig05){ref-type="fig"} predicts the precipitate size and the corresponding attainable strength for a given precipitate spacing.

In summary, we have investigated dislocation nucleation caused by nanoscale precipitates using large-scale MD simulations. We found that, under sufficiently large shear strain, simultaneous dislocation nucleation and propagation will occur near a precipitate. Therefore, nanoscale precipitates provide a unique type of sustainable dislocation sources which differ fundamentally from the traditional Frank--Read source in crystalline materials. In contrast to the widely held perception that nanoprecipitates act as highly efficient obstacles to dislocation motion, thereby enhancing the strength of the material, our results demonstrate that nanoprecipitates can also be a sustainable dislocation source. Densely dispersed nanoprecipitates simultaneously serve as dislocation sources and obstacles, with both deformability and local hardenability to achieve enhanced ductility, which explains the unexpectedly high ductility of recently reported advanced alloys ([@r1][@r2][@r3][@r4][@r5][@r6][@r7]--[@r8]).

It is worth noting that most existing observations on the effects of precipitates on dislocation activities were focused on dislocation interaction, rather than dislocation nucleation. Typical in situ experiments with thin samples inside a transmission electron microscope do not involve sufficiently high stress levels to trigger dislocation nucleation from a precipitate before failure. Precipitates in a highly confined environment, such as precipitate containing micro/nanopillars subjected to compression, may provide a clean platform to validate the mechanism under study.

Combined with Orowan's precipitate hardening model, our energy-based criterion for dislocation nucleation at a nanoprecipitate can be employed to guide the design of high-strength materials with good ductility, as we demonstrated in [Fig. 5](#fig05){ref-type="fig"} for steels with nanoscale precipitates. We emphasize that the small precipitate size of nanoscale precipitates leads to sustainable dislocation nucleation at high stress, and their coherent interface with matrix facilitates improved ductility. The generated dislocations interact with neighboring precipitates, and the related hardening scenario is consistent with the classic precipitate--dislocation interaction mechanism. As a consequence, the energy or stress to activate more dislocations of the same type has to increase resulting in local hardening. A dense distribution of such sources thus renders uniform deformation and better ductility. Our study suggests that the interplay of the two length scales, precipitate size and spacing, can be utilized as an optimal design motif for superb strength--ductility combination. This finding may help establish a foundation for tuning and optimizing strength--ductility performance in alloys with nanoprecipitates.

Materials and Methods {#s1}
=====================

MD simulations are employed to investigate the dislocation nucleation induced by nanoprecipitates in FCC copper. All simulations are performed in the large-scale atomic/molecular massively parallel simulator ([@r48]). The embedded atom method potential ([@r49], [@r50]) is used to capture the atomic interaction between precipitate of Au and perfect FCC single crystal of Cu. The dimensions of periodic simulation boxes are about (530, 187, 0.8 nm) and (66, 51, 25 nm) for 2D and three dimensional (3D) simulations, respectively.

Since a full dislocation in FCC crystal glides at $\left\lbrack 111 \right\rbrack$ plane and along its Burgers vector $\left\langle 110 \right\rangle$, we set $x,y,z$ coordinates of the simulation box parallel to $\left\lbrack {11\overline{2}} \right\rbrack$, $\left\lbrack 111 \right\rbrack$, $\left\lbrack {1\overline{1}0} \right\rbrack$ crystallographic directions, respectively. By replacing a number of Cu atoms with Au atoms, we obtain a sample with nanoprecipitates and the FCC structure remains. After energy minimization and structure relaxation, we apply shear strain $\varepsilon_{yz}$ at a constant strain rate of $2 \times 10^{9}\,\text{s}^{- 1}$ to the sample under the microcanonical ensemble for constant atoms (N), volume (V), and energy (E). Once dislocations start to nucleate, we stop increasing the applied strain and keep it constant. Initial temperature of $\text{T} \approx 1\,\text{K}$ and $\text{T} \approx 300\,\text{K}$ are employed in our simulation to verify the temperature influence. As the atomic structure changes when the dislocation nucleation occurs, we trace the nucleation process by the common neighbor analysis values of nucleated atoms. The critical nucleation state can also be obtained by counting the distorted atoms.

[*SI Appendix*](https://www.pnas.org/lookup/suppl/doi:10.1073/pnas.1914615117/-/DCSupplemental) is available in the online version of the paper.

Data Availability Statement. {#s2}
----------------------------

All data are available in the main text and [*SI Appendix*](https://www.pnas.org/lookup/suppl/doi:10.1073/pnas.1914615117/-/DCSupplemental).
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